JOURNAL OF MATERIALS SCIENCE 21 (1986) 2843-2849

Dislocation structures in Zr;Al-based alloys

P. HOLDWAY, A. E. STATON-BEVAN

Department of Metallurgy and Materials Science, Imperial College, London SW7 2BP, UK

Transmission electron microscopy has been used to investigate dislocation structures in
deformed binary and ternary Zr,Al-based alloys. In the binary alloy deformed at temperatures
between 293 and 673 K the dislocations in the Zr; Al phase consisted of a/3{11 2>-type
partial dislocations bounding superlattice intrinsic stacking fault on {111} planes. The {111}
a/3¢{1 12> stacking fault energy was approximately 2mJ m~2 at 673 K. In binary specimens
deformed between 873 and 1073 K cube slip predominated. Dislocations consisted mainly of
a/2 {1 10> pairs separated by antiphase boundary. For this temperature range the {1 00}
a/2{011) antiphase boundary energy was between 30 and 45 mJ m~2, Alloying with niobium
or titanium was found to increase the {111} a/3¢{11 2) stacking fault energy and thus
increase the propensity for antiphase boundary-type dissociation.

1. Introduction

1.1. Background

Alloys based on the L1, intermetallic compound
Zr;Al have been under investigation as potential
structural materials for fuel sheaths or pressure tubes
in nuclear reactors [1]. From a theoretical point of
view the mechanical properties of Zr; Al based alloys
are of interest because, like several L1, materials, e.g.
Ni;Al and Ni;Ga, they exhibit an anamolous tem-
perature dependence of the flow stress. Schulson and
Roy [2] have reported an increase in the flow stress
with increasing temperature between 350 and 900 K
for binary alloys having a Zr,Al grain size greater
than approximately 2 um.

1.2. Slip systems and dislocation structures

in L1, crystals
Two types of primary slip system are found to operate
in L1, crystals: {111} <110) and {001} <110).

All L1, materials exhibit octahedral slip, normally
accompanied by a tendency for screw dislocation seg-
ments to cross-slip onto cube planes by the so-called
“Kear—Wilsdorf” mechanism [3]. The driving force
for cross-slip is the low cube plane antiphase bound-
ary (APB) energy of the L1, structure [4].

The total superlattice dislocation Burgers vector in
L1, crystals is a{110), where 4 is the lattice par-
ameter. For octahedral slip two types of dissociation
have been observed [5] and these are shown dia-
gramatically in Fig. 1. In dissociation Scheme I,
Fig. 1a, two a/2 {1 10) dislocations are separated by
a region of APB. In Scheme II, Fig. 1b, two a/3
{112)-type partials are separated by a region of super-
lattice intrinsic stacking fault (S-ISF) on a {111}
plane. For cube slip only ¢/2{110)> pairs are
observed.

1.3. Transmission electron microscopy
studies

A previous transmission electron microscopy (TEM)

study was carried out on binary Zr;Al-based speci-
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mens deformed at room temperature [6]. Evidence was
found of {111} (110) slip and S-ISF-type disloca-
tion dissociation but not of primary {001} <110} slip
or APB-type dissociation.

The present study investigated binary and ternary
specimens deformed at various temperatures in the
range 293 to 1073 K. Of particular interest was the
possibility of primary cube slip and APB-type disloca-
tion dissociation.

2. Experimental procedure

2.1. Materials

Slabs of Zr—8.6 wt % Al, which had been hot rolled at
1373 K were used as a basis for the alloys investigated
in this study. Ternary alloys were produced by remelt-
ing the binary alloy with the required amounts of
zirconium, aluminium, niobium and titanium in an
arc furnace. Heat treatment was carried out at 1160 K
resulting in microstructures consisting of Zr;Al, a-Zr
and Zr,Al, see Table 1.

2.2. Mechanical testing

Compression specimens 3mm x 3mm x 10mm were
cut from the hot rolled alloy B and heat treated.
Round tensile specimens of alloys N1 and T2, having
a 4.5mm diameter and a 16 mm gauge length, were
machined from heat treated ingots. Prior to testing
these specimens were annealed for 1 h at 1160K and
then electropolished.

2.3. Transmission electron microscopy

Discs 3mm in diameter were spark machined from
slices cut at 45° to the stress axis from the central
portions of the test specimens. Thin foils were
produced by jet electropolishing in a solution of 5%
perchloric acid in ethanol at 30V and at ~240K.
Burgers vector and stacking fault analysis was
achieved by setting up strong two-beam conditions
with S, the deviation from the Bragg angle, zero or
slightly positive.
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Figure 1 Two possible dissociation modes for a superlattice dislocation of total Burgers vector a[l 10] on the (T 11) plane in the L1, crystal
structure, see text. APB = antiphase boundary, SF = stacking fault, CF = complex fauit.

3. Results and discussion

3.1. Dislocation structures in binary alloy B,
deformed in compression at temperatures
in the range 293 to 673K

3.1.1. S-ISF dislocations

Examples of the dislocation structures in specimens

deformed at room temperature and 673 K are shown

in Figs 2 and 3, respectively. Widely separated S-ISF

dislocations (Scheme II, Fig. 1b) were the predomi-

nant type observed over the whole of this temperature

range.

3.1.2. Stacking fault vectors

In all cases the stacking faults were found to be
intrinsic and to have fault vectors of the type R = 1/3
{111, as has been observed previously for lightly
deformed Zr, Al [6] and for the L1, compounds Ni; Al
[7] and Ni,;Ga [8]. For example, the faults such as 1,2
3,4 and 5,6 in Fig. 3 were visible for g = 200, 020
and 220 but invisible for g = 220 (Fig. 3¢) indicat-
ing fault vectors of the type R = +1/3[111] or
+ 1/3[11T]. The top dark fringe in the bright field
image, e.g. at x in Fig 3a, becomes bright in the
high resolution dark field (HRDF) image using the
negative g vector (Fig. 3b). This indicates that it marks
the intersection of the fault with the top of the foil.
Thus, taking into account the nature of the edge fringe
contrast the fault vector R = 1/3[1 1 1}. The intrinsic
nature of the faults was determined using the criterion
that, allowing for image rotation, the g vector in dark
field pointed towards the bright outer fringe [9], see
Fig 3b.

3.1.3. Stacking fault energy

Measurement of the separation of partial dislocations
at 673K gave a value for the stacking fault energy of
approximately 2mJm~2 This value is much lower
than the room temperature value of 80mJm™2
obtained by Howe er al. [6]. It is however similar to

the value of 5mJm~2 quoted for Ni,Ga for tem-
peratures at which S-ISF dislocations predominate
[10], see Table II. It has been proposed [19] that for
stacking fault dislocations to be stable the ratio
{111} APB energy
{111} SF energy

= 25t0 35

since in the temperature range under discussion stack-
ing fault dislocations predominate, a SF energy of
2mIm~? (present study) would indicate an APB
energy >500mJm~% whereas a SF energy of
80mJm~> [6] would indicate an APB energy
> 2000 mJ m~2 From Table II it may be seen that the
former value is more in line with those for other L1,
materials.

3.1.4. The Burgers vectors of the partial
dislocations bounding the stacking
faults

The interpretation of the Burgers vectors of partial

dislocations bounding the stacking faults is made dif-

ficult by the ambiguity of the contrast when g - b = %
or £ %[9]. Thus only g vectors of the type (311) and
certain {220) were found to give consistent results.

Using the latter type of reflections, the Burgers vectors

of dislocation pairs bounding stacking faults were

found to be a/3{211>-type pairs, that is undis-
sociated “Scheme ITI” in Fig. 1b. The contrast for dis-
location pair 1,2 in Fig. 3, for example, corresponded

to the Burgers vectors +(a/3[211], a/3[121)).

The dissociation of the a/3<211) partials into 3
Schockley partials, as shown in Fig. b, is not thought
to occur. Partial number 4 in Fig. 3, for example,
which bounds S-ISF on (111), is invisible for
g = 220 (Fig. 3c). The contrast for all possible dis-
sociations into 3 Schockley patials, such as

a = [/ A—— a - . - a =
01120 - 22T1) + 2[12T) + 2117

TABLE I Compositions, heat treatments and microstructures of the alloys investigated

Alloy Composition (wt %) Heat Volume fractions of phases (%) Average
code ] treatment grain
Zr Al Nb Ti at 160K o-Zr Zr,Al Zr;Al size
(h) (um)
B 91.40 8.60 - - 8 15+ 6 11 +£5 Balance 6
N1 90.18 8.60 1.22 - 9 19+5 6+5 Balance 4
T2 91.15 24+ 5 6+ 3 Balance 4

8.22 - 0.63 25
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TABLE 11 Values of stacking fault energy and antiphase boundary energy in some L1, alloys

Material {1 11}a/2{110} {100}a/2{110> APB energy {111}a/3<112) SF energy Predominant
APB energy (mJm~?) (mIm~?) dislocation type
(mJm~?)
Cu,Au 30 [11] 10 [11] 13 + 1.5[12] APB at room
39 + 51[12] temperature
91 quoted by [13]
Ni; Al 180 + 30 [14] 140 + 14 [14] 10 + 5 [14] APB usually
164 quoted by [15] 47 to 64 [16] 29 + 517t observed, but SF
252 [13] 82 + 8§ [17]* 46 + 6 [17]* dislocations produced
250 to 350 [18] 94 + 10 17" by multiple slip
Ni, Ga 110 + 30 [19] 17 + 5[19] 5[10] SF at low
40 [8] temperatures
Zr;Al Assumed to be higher 30 to 45 [present work, alloy B] 70 to 90 [6] SF at room
than SF energy at above 873K ~2 (alloy B) at 673K [present work] temperature

room temperature
due to the absence of
APB dislocations

~9 (alloy N1) at 673K

*22.9 a1 % Al
24 at % Al

would render 2 Schockley partials visible and one
invisible for this reflection. Partial 4 is thus considered
to have the Burgers vectors +a/3[112].

For Ni;Ga the predominant Burgers vectors have
been reported tobe +b — b a/3 {211 pairs[10]. This
was not found to be the case for Zr;Al. The pair 3,4
in Fig. 3 have obviously not got antiparallel Burgers
vectors since 3 is visible and 4 is invisible forg = 220,
Fig. 3c.

Dissociations of the type

a.-= a
5[1 12] -» c
followed by cross-slip of the a/2[101] dislocation
onto a cube plane have also been proposed for L1,
crystals [7]. No evidence could be found of this type of
dissociation from contrast experiments, in either
binary or ternary specimens for any of the test tem-
peratures.

[121] + g[ToT]

Figure 2 Bright-field transmission electron micrograph showing the
dislocation structure observed in alloy B deformed 1.4% at 293 K.
Note dislocations originating from twin boundaries in the Zr; Al
and ‘sawtooth’ stacking fault at A.

3.1.5. Sawtooth stacking faults

Several examples of “sawtooth’ stacking faults were
observed, e.g. at A in Figs 2 and 3. Similar faults have
been observed in NiyAl [7] and Ni;Ga [20]. Two dif-
ferent mechanisms have been proposed for their origin
and these are illustrated schematically in Fig. 4.

In the first mechanism, Giamei ef al. [7] have
proposed that stacking faults originate for a/3<112>
superlattice pairs. The dislocation dissociations which
result in the structure shown in Fig. 4a may be sum-
marized as follows

a[110] - -;3[21 1]+ g[IZT]

a

a - a
32111 - 2172 + 3[110]

separated by (00 1) APB
also

a

3

a

6

a
2
separated by (010) APB

2111 - Z[127] + 2[101]

a

a -
=[121] »
3[ ] 6

a —
211] + 5[01T]

separated by (100) APB

Note the three different orientations of {100} APB.
Recently Veyssiére et al. [14] have proposed an
alternative mechanism in which sawtooth faults are
derived from «@/2[110] superlattice pairs. The dis-
sociation reactions, which produce a single orien-
tation of {100} APB (see Fig. 4b), are as follows

afoT1] - g[oh] + —;—[OTI]

separated by (100) APB
a

- a
0T - 2211] +

121

SRS

separated by (111) S-ISF
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Both of the proposed schemes (Figs 4a and b) require
an (a/2){110>/(a/6){112) pair, however as was
mentioned in Section 3.1.4 no evidence was found of
such pairs in the present study. Sawtooth stacking
faults in Zr;Al may therefore be bounded by undis-
sociated a/3 {1 1 2)-type partials, as shown in Fig. 4c.

3.1.6. APB dislocations

Although S-ISF type dislocations predominated over
the temperature range 293 to 673K, a few APB-type
dislocations (Scheme I, Fig. 1a) were also observed.
For example, a/2[110] pairs may be seen at B in
Fig. 3.

2846

Figure 3 Stacking fault dislocations observed in Zr, Al deformed =~
1% at 673K. Beam direction [00 1]. (a) Bright-field g = 200; (b)
HRDF g = 200; (c) bright-field g = 220.

3.2. Dislocations observed in binary alloy B,
deformed in compression at temperatures
in the range 873 to 1073 K

Dislocation structures in specimens deformed in this

temperature range are shown in Figs 5 to 7. At these

higher temperatures the predominant dislocation type

was found to be APB separated a/2<{110) super-

lattice pairs, i.e. Scheme I, Fig. 1a.

At 873 K very few S-ISF dislocations were observed
and the APB dislocations often formed dipoles on
{111} planes.

At 973K almost no S-ISF dislocations were
observed and the APB dislocations were found to lie
on cube clip planes. This may be seen in Fig. 5, which
shows a specimen which had been deformed 1.3% at
973 K. APB-type dislocations lie in the (00 1) plane of
the foil and interaction with a second cube slip system
has produced debris parallel to the trace of (1 00). Figs
6 and 7 show dislocation structures in specimens
which were deformed at 1073 K. At this temperature
also, APB-type dislocations were found to predomi-
nate. The dislocations tended to be confined to narrow
slip bands (see Fig. 7) involving slip on one or more
cube planes. These slip bands are thought to originate
from stress concentrations at grain boundaries, result-
ing from grain boundary sliding which is known to
occur at this temperature.

In Figs 6 and 7 there is much evidence of interaction
between dislocations on different cube planes resulting
in debris in the form of loops (e.g. at L in Fig. 6),
dipoles and jogged dislocations. The alternate single
and double images along the lengths of dislocations in
Fig. 6 are thought to be due to the cross-slip of alter-
nate segments from cube to octahedral planes. The
single segments are parallel to the trace of (111)
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which is perpendicular to the plane of the foil. At
higher temperatures therefore the APB dislocations are
able to glide on cube planes, as a result of the relative
lowering of the {100} lattice friction stress and in
addition may also cross-slip back onto octahedral
planes. Measurements of the partial dislocation
separations over the whole of this temperature range
gave values for {100}4/2<011) APB energy in the
range 30 to 45mJm ™%

3.3. Dislocation structures observed in
ternary alloys T2 and N1 deformed in
tension at 273 and 673 K

3.3.1. 273K

The titanium alloy T2 was investigated at this tem-

perature. The dislocation structure consisted of S-ISF

separated a/3 {112)-type partials (Fig. 8) as for the
binary alloy deformed at the same temperature

(Fig. 2). In both these alloys dislocations appeared to

Figure 5 The dislocation structure observed in Zr; Al deformed
1.3% at 973 K. Bright-field g = 020, beam direction [0 1 0].
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Figure 4 Schematic representations of a ‘sawtooth’ S-ISF on the
(T11) plane produced by (a) the dissociation of a/3 {112) super-
lattice pairs [7], (b) the dissociation of a/2 {1 10 superlattice pairs
[14] and (c) undissociated a/3 {112} superlattice pairs, see text.

have nucleated from grain boundaries and twin
boundaries.

3.3.2. 673K

Both the titanium alloy T2 and the niobium alloy, N1,
were tested at this temperature. In both alloys S-ISF
and APB dislocations were found to coexist (see
Fig. 9). This behaviour differs from that of the binary
alloy in which S-ISF dislocations predominated at this
temperature (Fig. 3). The APB dislocations were often
observed to form screw dipoles (e.g. at T in Fig. 9),
whilst the S-ISF dislocations sometimes formed loops
or more complex phases (e.g. at A, B and C), often
with bounding partials parallel to {110} projections.
Configurations such as those in Fig. 9 suggest that
the S-ISF dislocations may have formed as a result of
interactions between intersecting APB dislocations. It
was not possible to find a dissociation scheme to
explain the contrast from these bounding partials. In

Figure 6 The dislocation structure observed in Zr;Al deformed
1.2% at 1073 K. Bright-field; beam direction [0 1 1].
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Figure 7 Dislocations observed on both cube and octahedral planes
in Zr;Al deformed 1.2% at 1073K bright-field, beam direction
[o11].

particular, the contrast was inconsistent with the
following possible types of dissociation scheme

a a - = a .
5101 - 2<T21) + 321> (Fig. 4b)

a a - a .
721D - 2121 + 5101 (Fig. 40)

a a a - a,. =
5(211> —>g<211> + E<121> + g<112>

(Fig. 1b)

%<T11> - §<T12> + §<1 10> (a Frank loop)

[071]
’ —

- ==A
i) [N

:! 1‘r‘\m,|)
tr(111)

F

(a)
"4

Figure 8 Stacking fault dislocations observed in the titanium alloy
T2 deformed 6.5% at 293 K.

The absence of APB dislocations in the binary alloy
at 673K and the relatively small number of S-ISF
dislocations in alloys T2 and N1 suggests that the
ternary additions increase the stacking fault energy.
Measurement of the separation of a/3<112)-type
partials in alloy N1 at 673 K gave a value of approxi-
mately 9mIm~2 for the {111}a/3{112) S-ISF
energy. This compares with the value of 2mJm 2 for
the binary alloy.

3.4. The observations of planar faults in
binary and ternary Zr;Al-based alloys
Planar faults showing R = ${111) S-ISF fringe
contrast were observed in both deformed and

Figure 9 APB and S-ISF dislocations observed in the niobium alloy N1 deformed 1.5% at 673 K. Bright-field, (a) g = 111; (b) g = 200;

beam direction [011].

2848



e

0

Figure 10 Stacking fault in the niobium alloy N1 heat-treated 24 h
at 1160 K.

undeformed Zr,Al-based alloys of all compositions.
In some cases the faults formed a closed ring as shown
for the ternary alloy N1 in Fig. 10. Howe et a/. [6]
proposed that such faults are caused by the coalesc-
ence of vacancies resulting from the volume contrac-
tion which occurs during the peritectoid transfor-
mation Zr + Zr,Al - Zr;AlL

4. Conclusions

In binary Zr,Al-based alloys, deformed at tem-
peratures in the range 273 to 1073K two types of
dislocation dissociation occur depending on the
deformation temperature.

(a) For the temperature range 273 to 673K
a/3<112)>-type partial dislocations bounding S-ISF
on {111} planes predominate. The {111} a/3<{112)
stacking fault energy is approximately 2mJm~' at
673K.

(b) For the higher temperature range, 873 to
1073 K, APB separated a/2 {110} pairs predominate.
Slip occurs on cube planes together with some cross-
slip onto octahedral planes. The {100} a/2<011)
APB energy is in the range 30 to 45mJm ™2

Ternary additions of niobium or (itanium were
found to increase the {111} a/3<{112) stacking fault
energy of Zr; Al with the result that APB and S-ISF
dislocations were observed to coexist in approxi-
mately equal numbers at 673 K.
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